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Abstract The processing, structure and properties of

deformed metals and alloys with a structural scale from

the micrometer to the nanometer dimensions has been

the subject of a recent viewpoint set [1]. The present

paper will focus on deformed metals and alloys with a

structural scale from 5 nm to 100 nm, concentrating on

materials processed by high pressure torsion (HPT),

surface mechanical attrition treatment (SMAT) and

sliding. A detailed microstructural characterization has

been followed by an analysis of the relationship

between structural features and processing parameters.

In this analysis, some general approaches have been

applied for example scaling of the evolution of the

boundary spacing. This analysis is the basis for a brief

discussion of the relationship between the microstruc-

tural parameters and the strength.

Introduction

The grain refinement of ductile materials by means of

plastic deformation has initiated extensive research in

the past decade. The structural refinement covering

many length scales encompasses traditional metals

with a length scale in the micrometer/submicrometer

range and nanostructured metal with a length scale

below 100 nm. Some processes such as equal channel

angular extrusion (ECAE) [2], multiple forging [2],

cyclic extrusion compression [3] and accumulative roll

bonding (ARB) [4] can refine grains into the sub-

micron scale. However, high pressure torsion (HPT)

[2], sliding [5], ball milling [6], shot peening [7] and

surface mechanical attrition treatment (SMAT) [8–12]

have the potential to produce nanostructures with a

scale of 5–100 nm in the form of bulk samples, powders

and surface layers. The nanoscale materials have been

the subject of one viewpoint set [13], whereas metals

and alloys with a structural scale from the micrometer

to the atomic dimension have been covered in another

[1]. The present paper will focus on deformed metals

and alloys with a structural scale from 5 nm to 100 nm

processed by the three deformation routes: high

pressure torsion (HPT), surface mechanical attrition

treatment (SMAT) and sliding/friction.

Processing

HPT is a well-known technique that can produce

nanometer scale structure in bulk metals [2, 14–17]. A

disk shaped sample (0.2–1.0 mm in thickness and 10–

15 mm in diameter) is subjected to torsion deformation

under a high hydrostatic pressure of the order of

several GPa (see Fig. 1a). The strain rate is low for

example 0.7–17 s–1 [14]. The shear strain produced by

HPT varies linearly from zero in the center to the

maximum value at the rim of the disk. The amount of

shear strain depends on the thickness of the sample

and the number of rotations [2]. Strain–microstructure

relationships can be obtained by sampling from differ-

ent positions along the diameter of the disc.
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SMAT is a relatively new technique which has been

developed in order to achieve large plastic deformation

at a sample surface [8]. As shown in Fig. 1b, SMAT is

carried out in a cylinder shaped vacuum chamber

containing steel balls of 1–10 mm in diameter with a

smooth surface. The chamber is connected to a high

frequency generator (frequency 50 Hz to 20 kHz)

resonating the steel balls which in turn deform the

sample surface by shot blasting in random directions.

The velocity of the shots is estimated to be 1–20 m s–1

giving a high strain rate of the order of 102–103 s–1,

which is controlled by a number of processing param-

eters e.g. vibration frequency, ball diameter and

traveling distance of the balls [8]. The temperature

rise during the treatment is affected by the material

characteristics and the impact intensity for example in

a Fe sample the temperature rise has been estimated to

be the order of 50–100 �C [8]. SMAT is similar to

traditional surface treatment techniques e.g. shot

peening. A difference is however the use of large

diameter smooth balls in SMAT compared with

smaller shots (0.1–1 mm in diameter) of irregular

shape in shot peening. The increase in the diameter

of the balls increases the thickness of the nanostruc-

tured surface layer. This effect is however counterbal-

anced by the much smaller velocity of the balls in

SMAT compared to shot peening, where a typical

speed is 100 m s–1. By means of SMAT, graded

microstructure has been produced as shown in Fig. 2

for Cu (K. Wang et al., unpublished), Fe [10] and an

Al-alloy [11]. The graded structure is formed due to a

continuous decrease in strain and strain rate with

increasing distance from the surface. By optimizing the

process conditions nanostructured surface layer with a

thickness up to 50 lm can be produced both in pure

metals [K. Wang et al., unpublished, 10] and in alloys

[9, 11, 12].

Sliding deformation is selected to simulate friction

and wear. Scientifically, it has been used to follow the

evolution of a nanostructure in soft copper sliding

against steel in a flat plate friction tester [5, 18]. The

steel is in the form of a slider (platen) which has been

ground to produce ridglike asperities with a wave-

length of 130 lm and a 5–10� inclination angle. Two

hydraulic pistons on each side of the platen apply a

normal force (10–20 MPa) to two copper samples

forming a copper–steel–copper sandwich. The platen is

attached to a servo-hydraulic machine which controls

the sliding speed and distance and measures the sliding

Fig. 2 The variations in boundary spacing (D) with depth in Cu
(K. Wang et al., unpublished data), Fe [10] and an Al-alloy [11]
deformed by SMAT

Fig. 1 Schematic illustrations
of processing by HPT (a) [17]
and SMAT (b) [10 ]
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force. In the actual experiment [5, 18], the sliding

speed has been set to 0.25 and 25 mm s–1 and the

sliding distance to 120 mm, which produces a strain

rate < 10 s–1. A structural characterization has shown

the formation of a graded deformation microstructure

covering a scale from 5 nm to 10 nm in the surface

layer to a submicrometer dimension in a depth of more

than 10 lm [5, 18]

The three kinds of deformation techniques outlined

above can refine structures into the nanometer scale (5–

100 nm). The strain for all the processes can reach

extremely high levels for example by increasing the

number of rotations in HPT and by increasing the

treatment time in SMAT. All these processes produce

graded structures from a micro/submicrometer scale to a

nanometer scale being the results of large strain and

strain gradients. Such graded structures allow in one

sample the examination of the microstructural evolution

from small to large strain. The strain rate in these

techniques is different: (i) In HPT the rate is about 0.7–

17 s–1 (estimated based on the parameters in [14]) (ii) In

sliding the rate is <10 s–1 (estimated based on the

parameters in [5, 18], (iii) in SMAT the rate is 102–

103 s–1 [8]. Additionally, the deformation in HPT and

sliding is basically monotonic shear deformation that is

different from the random changeable deformation

directions during SMAT. This difference may lead to the

formation of equiaxed grains in SMAT [8–12] compared

with the typical lamellar structures for example

observed in HPT Ni [14, 15] and slided Cu [5, 18]. From

the point of industrial application, all techniques have

limitations for example in HPT an inhomogeneous

structure in a small sample, in sliding a relatively thin

surface layer and in SMAT the requirement of a regular

sample shape e.g. a plate shaped sample.

Structural evolution

During plastic deformation the microstructure evolves

in a continuous manner from the micrometer to the

nanometer scale [5, 14, 19–21]. Although this paper

will focus on the microstructure on a scale of less than

100 nm, the structural evolution on a larger scale will

be briefly summarized below.

The microstructural evolution for metals of medium

to high stacking fault energy (SFE) and of low SFE has

been classified in detail [21]. In [21] a glossary of

structural features and nomenclature is included, which

will be the basis of the structural characterization in the

following. A central point is the separation of subdi-

viding boundaries according to the mechanisms by

which they are formed into geometrically necessary

boundaries (GNBs) and incidental dislocation bound-

aries (IDBs). GNBs are formed by different slip

activities on each side of the boundaries, and IDBs

develops by statistical trapping of dislocations [22].

GNBs include dense dislocation walls, double walled

microbands and lamellar boundaries. GNBs are

extended boundaries which have a specific 3D-orien-

tation with respect to the axes of the crystallographic

lattices as well as to the macroscopic deformation axes

of the sample. IDBs are short and randomly inclined

cell boundaries.

The structural classification in [21] differentiates

between medium to high SFE metals with easy 3D

mobility of dislocations and low SFE metals with

restricted dislocation mobility. In the former group

the structure is subdivided by dislocation boundaries

and high angle boundaries in a 3D structure with a

relatively small density of dislocations between the

boundaries. In the latter group extended planar bound-

aries (GNBs) form and between the boundaries the

dislocations arrange in a fairly uniform pattern, the so-

called Taylor lattice [23, 24]. For both groups the

deformation takes place by slip which for the low SFE

metals is supplemented by twinning. Typically exam-

ples of the two types of structures are shown in Fig. 3a,

b for a high stacking fault energy metal (Al) and a low

stacking fault energy alloy (AISI 304 stainless steel). In

the 10% cold-rolled polycrystalline Al (Fig. 3a) [25],

the GNBs are the extended boundaries marked by A,

B, C, etc., for which also the misorientation angle is

shown. Short random cell boundaries (IDBs) marked a,

b, c. etc. are observed between the extended boundaries

forming typical cell blocks marked CB1, CB2, CB3, etc.

In the AISI 304L stainless steel deformed at room

temperature by compression (Fig. 3b) [26], dislocation

boundaries, deformation twins, and a strain-induced

martensite phase are observed. The dislocations are

more or less uniformly distributed between the planar

GNBs, forming a multiple-Burgers-vector Taylor

lattice [22].

The subdivision of the coarse grains by GNBs and

IDBs during deformation changes with increasing

strain and stress, typically the spacing of GNBs and

IDBs decreases and the misorientation angle across the

boundaries increases [25–28]. Figure 4a, b shows the

variations of the GNB spacing and the boundary

misorientation angle, respectively, with strain in a

commercial purity aluminum deformed from evM

= 1.6–6.4 (evM: von Mises strain) by conventional

cold-rolling and ARB [20]. The boundary spacing

decreases to about 240 nm (Fig. 4a) and the boundary

misorientation angle increases to about 36� (Fig. 4b) at

the largest strain applied [20].
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The grain subdivision process by formation of dislo-

cation boundaries continues into the nanometer regime

(below 100 nm). The monotonic HPT-deformation

introduces a structure consisting of extended planar

boundaries and interconnecting short boundaries sim-

ilar to structures observed after conventional rolling and

drawing. In order to characterize such structures in

detail, the choice of the observation plane is important

as discussed in [14]. This is demonstrated for Ni by the

observation of an equiaxed structure in the torsion plane

[14, 29] compared to a well defined lamellar structures

observed in a plane perpendicular to the torsion plane

(the longitudinal plane), see Fig. 5a. This plane contains

the maximum shear directions and it is found that two

sets of extended boundaries subdivide the structure (see

Fig. 5b). One set is parallel to the shear direction and

the other set is inclined with a large angle to the shear

direction. Both of the traces of the boundaries are very

close to the trace of (111) [14]. Deformation twins of

nanometer dimensions are observed in a sample

deformed to a large strain evM > 5.0 (see Fig. 5c [14].

Such twins are not normally found in deformed Ni as the

critical shear stress for twin formation is very large in

this high stacking fault energy metal. This critical shear

stress may be about 300 MPa [30] or even much higher

than 500 MPa [14]. However, as the structural scale

refines with increasing strain, the yield stress of HPT-

deformed Ni is estimated to increase to 800 MPa or

higher [16], which may surpass the critical stress for twin

formation. The deformation twins therefore become a

part of the deformation process when the grain size

decreases into the nanometer range, which agrees with

experimental observations [31–37] as well as with

molecular dynamic simulations [38–41]. The structural

refinement at large strain may therefore be a result of a

slip and some additional twinning.

The structural refinement by sliding deformation has

been discussed in detail [5] and only a brief summary is

Fig. 4 The boundary spacing
(a) and boundary
misorientation angle (b) as a
function of evM in commercial
purity (99%) aluminum
samples deformed by
conventional cold-rolling and
ARB [20 ]

Fig. 3 (a) Typical deformation structures in pure Al (99.996%
purity) deformed by cold-rolling to a thickness reduction of 10%
[25] and (b) AISI 304L stainless steel deformed by compression
(evM: von Mises strain = 5) [26]. In (a), the rolling direction (RD)
is marked by an arrow and the traces of {111} planes are marked

by dashed lines. The GNBs form cell blocks subdivided by IDBs.
In (b) Taylor lattice, dislocation boundaries, intersecting defor-
mation twins and deformation induced martensite (a¢) are
observed
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given in the following. A typical structure is illustrated

in Fig. 6a, showing a graded nanostructure with

extended boundaries (GNBs) almost parallel to the

sliding surface. The average perpendicular spacing

Dav
GNB of the boundaries increase with increasing

depth, as shown in Fig. 6b, from about 10 nm near

the surface to about 80 nm at 4 lm below the surface.

This spacing is of the same order as the spacing

(~130 nm) in Ni cold rolled to a reduction of 98% in

thickness [42]. With increasing strain the structural

refinement is followed by an increase in the average

misorientation angle across the boundaries and in the

density of high angle boundaries. However, although

most of the boundaries are of high angle, the interior

dislocation density is high. This density has been

estimated to be of 1016 m–2 [5, 26] which is one to

two orders larger than that typically observed in metals

cold rolled to a large strains.

Deformation by SMAT will be described briefly for

metals with different crystallographic structures (i) Fe

(b.c.c.) [10]; (ii) AISI 304 stainless steel (f.c.c.), [9]; (iii)

Ti (h.c.p.) [12].

Iron is a typical b.c.c. metal which deforms by

dislocation slip [10]. Deformation by SMAT introduces

a graded structure in the sample with a boundary

spacing of about 7 nm at the surface (Fig. 7a, b) which

increases to about 100 nm in a depth of 15 lm (Fig. 7c)

[10]. In the deep layers of low strain deformation,

cross-sectional TEM observations show a typical grain

subdivision by dislocation boundaries e.g. dense dislo-

cation walls (DDWs) and dislocation tangles (DTs). As

the surface is approached the average misorientation

angle increases, the boundary spacing decreases and an

equiaxel structure replaces the elongated structure.

AISI 304 stainless steel is a f.c.c. metals with a

low stacking fault energy (SFE) approximately

Fig. 6 (a) Cross-sectional
TEM observations of the
graded dislocation structures
and (b) the variation of
average spacing of extended
boundaries (Dav

GNB) with
depth in a copper sample
deformed by sliding. The sale
bar in (a) is 2 lm [5 ]

Fig. 5 Dislocation
microstructures observed by
TEM in pure Ni (99.99%
purity) deformed by HPT to
evM = 12. The observed plane
(longitudinal section) is
shown in (a) where Z is the
torsion axis, r is the radius
and h is the shear direction.
The microstructure is shown
in (b) where two sets of
extended boundaries are seen
(marked by dotted lines). The
shear directions are marked
by double arrows. The
microstructure in a high
magnification is shown in (c)
where deformation twins are
marked with arrows [14, 15 ]
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17 mJ m–2[9]. In this metal, SMAT has produced a

graded structure with a boundary spacing of about

10 nm at the surface and 60 nm in a depth of 30 lm

below the surface (see Fig. 8) [9]. Cross-sectional

microscopy has confirmed that mechanical twins dom-

inate the structure together with features being a result

of a phase transformation [9]. In general, the formation

of mechanical twins introduces twin boundaries that

can be viewed as a 60 � h111i twist boundary or a

70.5 � h110i tilt boundary. Therefore, the formation of

twins introduces high-angle boundaries which subdi-

vide the structure. Additionally, twin–twin intersec-

tions can result in a martensite transformation which

takes place at intersection points. The martensite

transformation introduces phase boundaries which

subdivide the structures. Figure 9a, b shows a typical

microstructure with twins and martensite. This kind of

grain subdivision by twin boundaries and phase

boundaries follows a similar path with increasing strain

as observed for dislocation boundaries, i.e. the spacing

of the twins decreases and their density increases as the

surface is approached [9].

Titanium is a typical h.c.p. metal which deforms by a

combination of slip and twinning [12]. In this material,

SMAT has introduced a graded structure subdivided

by dislocation boundaries and high angle (twin)

boundaries. For example a typical structure observed

at a depth of 15–30 lm shows mean boundary spacing

of about 150 nm, see Fig. 10 [12].

In conclusion, the microstructural evolution during

HPT, SMAT and sliding deformation shows that the

grain subdivision is controlled by the formation and

evolution of dislocation boundaries and high angle

boundaries including twin boundaries. The subdivision

Fig. 7 TEM observations of
the microstructures in pure
Iron (99.95% purity)
deformed by SMAT for
60 min in vacuum. The
microstructure is shown in (a)
as a bright field image and in
(b) as a dark field image of
the surface layer. In (a) the
inserted selected area
diffraction pattern indicates a
random distribution of the
grain orientations. In (b) the
inserted grain size
distribution in the surface
layer reveals a logarithmic
distribution with an average
grain size about 7 nm. In (c) is
plotted the grain/cell size and
the mean microstrain as a
function of the depth below
the surface [10 ]

123

J Mater Sci (2007) 42:1682–1693 1687



is affected by process parameters such as strain, strain

rate and deformation mode and material parameters

such as SFE and lattice structure. Metals with medium

to high SFE follow the general patterns of grain

subdivision by two types of dislocation boundaries

(GNBs and IDBs) into the nanometer scale. In low

SFE f.c.c. metals and h.c.p. metals, mechanical twins

also participate in the grain subdivision process,

especially pronounced in a high strain rate process as

SMAT.

Fig. 9 (a) Deformation twins
and (b) martensite in AISI
304 stainless steel treated by
SMAT for 15 min in vacuum
[9]. The inserted selected area
diffraction patterns (SAED)
correspond to: (a) the twin
diffraction obtained with the
electron beam parallel to
h110i and (b) the martensitic
phase

Fig. 8 TEM observations of
the microstructure in the
AISI 304 stainless steel
deformed by SMAT for
15 min in vacuum [9]. The
microstructure is shown in
dark field images: (a) at the
surface and (b) at a distance
of 15 lm below the surface
and (c) at a distance of 30 lm
below the surface. The grain
size (boundary spacing)
distribution is also plotted in
this figure
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Structural quantification

Typical structural features in the deformed structure

are dislocation boundaries, high angle boundaries,

dislocations between boundaries and twins. It is typi-

cally observed that the boundary spacing decreases and

the misorientation angle increases with increasing

strain. An example is large strain deformation by

sliding [5, 26] where a boundary spacing as small as 5–

10 nm has been measured at the surface [5]. It also

appears that the misorientation angle increases with

strain in such a way that the fraction of high angle

boundaries increases to be of the order of 80% or

higher as shown in sliding samples [5]. For all structural

scales a significant amount of dislocations are present

between boundaries. The dislocation density has been

estimated in a HPT sample deformed to a large strain

to be the order of 1014–1015 m–2 [17] and in sliding to

be about 1016 m–2 [5, 26]. Finally twin formation is

typically observed in low stacking fault energy metals

deformed to medium and large strain, whereas twin-

ning in high stacking fault energy metals as Al, Cu, Ni

only is observed in very fine scale structures and is

related to the high stress state for such structures.

Quantification of the structural dependency of the

boundary spacing (or the surface area per unit volume,

Sv) with strain has been suggested for metals deformed

in torsion and by cold-rolling, see Fig. 11a. In this log–

log plot a linear relationship i.e. a power law is

observed however with a higher slope for Ni when

compared with Cu and Al. This behavior may be

related to the reduced dislocation annihilation in Ni

having the highest melting point [26]. The relationship

in Fig. 11a has also been used to estimate the strain in a

Cu sample deformed by sliding by extrapolating the

power law for torsion Cu [43] and rolled Cu [44] using

the boundary spacing which has been determined as a

function of the depth below the surface for the

deformed sample, see Fig. 11b [5]. Based on this figure

the strain at the surface is estimated to be over 100 [5].

Recently, a minimum boundary spacing of about

10 nm in pure Ni has been obtained by a repeated

rolling and folding technique to a strain of evM = 64

[45] A plot of log 64/log 0.1 nm in Fig. 11a agrees

reasonably well with the data for sliding. When the

spacing data for HPT Ni [14] (under a hydrostatic

pressure of 4.0 GPa) is plotted versus the strain, see

Fig. 11a, it is found that a linear relationship is

observed with a same slope as for cold rolled Ni [42]

when the shear strain is smaller than 5.0, whereas

above this value a power law with a smaller slope is

obtained. In order to estimate the strain level in a

SMAT sample the power law for rolled Cu [43] has

been extrapolated using the experimental spacing data

obtained for SMAT Cu which is shown in Fig. 2

(K. Wang et al., unpublished). The strain data as a

function of distance below the surface are shown in

Fig. 11c. It is seem that a very high strain level above

400 is reached by SMAT at the surface, with a decrease

in strain level to about 10 in a depth of 20 lm and to 1

Fig. 10 Commercially pure
titanium deformed by SMAT
for 60 min in vacuum [12].
The microstructure at a
distance of 15–30 lm depth
from the surface is
exemplified by (a) a dark field
image (b) a selected area
diffraction pattern and (c) a
histogram of the grain size
distribution
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in a depth of 200 lm. By using the strain data of

Fig. 11c, the spacing data of the SMAT-Al alloy [11] is

also plotted in Fig. 11a. A linear relationship as in

rolled Al [46] has been obtained at small to medium

strains indicating a comparable structural evolution for

these different processes in this strain regime.

In Fig. 11a the only parameter is the strain, and the

data have all been obtained by deformation at room

temperature at relatively low strain rate for example

less than 1–25 s–1 in rolling. However, other parame-

ters such as temperature and composition can also play

a role. For example elements in solid solution that

stabilize the deformation structure may change the

relationship between the strain and the spacing. In the

surface layer (0–6 lm) in Cu deformed by sliding,

about 1% Fe is detected [18], and by SMAT using steel

shots, elements such as Fe and O can be introduced.

In the analysis of the evolution of the boundary

spacing with increasing strain, it has been suggested

to examine the probability distribution of the spac-

ing normalized by the average value [47–49].

This approach has been used to analyses the boundary

spacing in layers at increasing distance from the surface

in a Cu sample deformed by sliding [5]. Distributions

with different average value have been scaled resulting

in a single distribution see Fig. 12. This result has been

taken as a demonstration of the similarity of the

subdivision process taking place at different length

scales from the submicrometer to the nanometer range

[5, 26]. A similar scaling approach has been applied to

the a number of metals deformed by SMAT and one

single distribution has been obtained independent of

the material type as shown in Fig. 13. The scaling

behavior of the spacing distribution holds over nearly

three orders of magnitude in the strain level from 0.1 to

100, and over several decades on the length scale.

Microstructure-flow stress

For the three processing techniques discussed above

the deformation microstructure contains predomi-

nately dislocation boundaries and high angle bound-

aries where the latter are the original grain boundaries,

Fig. 11 (a) Power law relationship between boundary area per
unit volume (Sv) and strain (evM) for metals deformed by
different techniques. In (b) is shown strain extrapolation data (n
and m) for Cu deformed by sliding [5] based on experimental

data for rolled Ni (D) [42], torsion deformed Cu (”) [43] and
rolled Cu (s) [44]. Based on (b) the strain is shown in (c) as a
function of the depth below the surface of Cu deformed by
SMAT
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deformation induced boundaries and twin boundaries.

The dislocations are present in low and medium angle

dislocation boundaries and as loose dislocations

between the boundaries. Based on these structural

features, the dominating strengthening processes are

assumed to be: (i) dislocation strengthening with a

strength contribution Dr (q) proportional to q1/2 where

q is the dislocation density and (ii) boundary strength-

ening with a contribution proportional to D
�1=2
HAB where

DHAB is the spacing between the high angle boundaries

which are considered to be impenetrable to moving

dislocations. This property characterizes high angle

boundaries (>15�) including twin boundaries but it may

also be a characteristic of dislocation boundaries

having a misorientation angle above a critical values

which may be as low as 2–3� [19]. This means that only

low angle dislocation boundaries and dislocations

between boundaries contribute to Dr (q), whereas the

remaining boundaries contribute to Dr (D) The dislo-

cation strengthening has been expressed [19]

DrðqÞ ¼MaGb
ffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffi

q0 þ qLAB

p

ð1Þ

where M is the Taylor factor (~3), a is a number of the

order of 0.2–0.3, G is the shear modulus and b is

Burgers vector, qo is the dislocation density between

boundaries and qLAB is the dislocation density in low

angle boundaries. For a mixed tilt/twist boundary qLAB

has been expressed [50, 51]

qLAB ¼ 1:5ðSvhÞLAB=b; ð2Þ

where (Svh)LAB is the boundary area per unit volume

and misorientation angle, respectively, of low angle

boundaries (<3�). The strength contribution from high

angle boundaries is related to the boundary spacing

according to the Hall–Petch relationship and can be

expressed:

Dr ¼ KHPD
�1=2
HAB ð3Þ

where KHP is a constant which is obtained from the

yield stress–grain size relationship of polycrystalline

metals [50] see Table 1. On the assumption of a linear

additivity of the strength contributions, the total flow

stress can be expressed [19, 50, 51]:

r ¼ r0 þMaG
ffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffi

1:5bðSvhÞLAB

q

þKHPD
�1=2
HAB ð4Þ

where r0 is the friction stress. This analysis emphasizes

the importance of both dislocation strengthening and

high angle boundary strengthening. Frequently

however, the flow stress-structure analysis of

nanostructured metals are based on only one

structural parameters, the average spacing between

all the boundaries (DB) not considering the character

of the boundary or the dislocation density between the

Table 1 Material parameters [50]

Material G (MPa) b (nm) K1 (MPa m1/2)

Aluminum 26,000 0.286 0.04
Nickel 79,000 0.249 0.16
Copper 45,000 0.256 0.14

r0 is approximatey 20 MPa for all three metals

K1 corresponds KHP in this paper

Fig. 12 Probability distributions of nanometer scale boundary
spacings normalized by their average spacing in sliding Cu [5]
(average GNB spacing: 12 nm (s), 19 nm (h), 31 nm (e), 35 nm
(D), 38 nm (O), 41 nm (d), 49 nm (n), 55 nm (r), 61 nm (m),
73 nm (.) and 171 nm (”)) compared to 70% cold rolled Ni
(GNB spacing = 280 nm (+)) and 98 % cold rolled Ni (GNB
spacing = 133 nm (·)) [42]

Fig. 13 Probability distributions of nanometer scale boundary
spacing normalized by their average spacing in SMAT deformed
AISI 304 stainless steel [9], Fe [10] and pearlitic steel (H.W.
Zhang et al., unpublished )
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boundaries which can be high [26]. The one parameter

equation is expressed [52, 53]:

r ¼ r0 þKBD
�1=2
B ð5Þ

By applying Eq. 5 to experimental data a good

agreement has been found however with a value of

KB much higher than KHP and also in many cases with

a negative value of r0. This is shown in Fig. 14, where

data for Ni cold rolled over a large strain range are

plotted according to Eq. 5 [42]. For comparisons is in

Fig. 14 also plotted the stress–grain size relationship

for polycrystalline Ni [54], showing a significant smaller

slope and a positive value of r0.

Equation 4 has been applied with good result for

cold rolled Ni [42], Al [46] and IF-steel [55], which at

large strain have a structural scale in the range 100–

200 nm. For smaller spacings Eq. 4 will be discussed in

the following.

For samples with a structural scale <100 nm

deformed by HPT, SMAT and sliding most informa-

tion is obtained for Ni (99.95%) deformed by HPT up

to five turns under a uniaxiel pressure of 6 GPa [56].

The deformation structure has been analyzed by TEM

and a dislocation density of (5–10) 1014 m–2 has been

reported. No twins and texture have been found. Based

on Eq. 1 and Table 1, Dr (q) is 318–449 MPa. The

grain size has been measured to be 105 ± 69 nm and a

subgrain size is reported to be 34 nm [56]. Based on

Eq. 3 the contribution from grains is 494 MPa and the

minimum and maximum value of the flow stress is

therefore 812 and 913 MPa, respectively. If the struc-

ture is considered be to a subgrain structure Eq. 3 gives

a contribution of 868 MPa, and the minimum and

maximum value is 1,186 and 1,317 MPa, respectively.

These estimated values can be compared with the yield

stress and UTS which is 1,000 and 1,270 MPa, respec-

tively [56]. This analysis focuses on the grain size or

boundary spacing in the deformed sample, where the

structure is found to be equiaxed. This finding relates

to the observation plane which is the torsion plane. A

characteristic structure of a HPT sample is however

obtained in the longitudinal section, see Fig. 5 [14].

This typical structure is subdivided by lamellar bound-

aries and interconnecting boundaries of varying mis-

orientation angle. This sample section will therefore be

used in a future structural analysis to underpin Eq. 4.

For specimen deformed by SMAT, very good

strength properties have been obtained for example

yield strength of 760 MPa for Cu [57] and 1,450 MPa

for AISI 316 stainless steel [58]. However, in both

studies the microstructural analysis has been limited to

a determination of the boundary spacing (grain size)

which an average is 30 nm in Cu and 40 nm in AISI 316

stainless steel. However, for both materials a large

spreading in boundary spacing (grain size) is observed.

Such a large spread has also been found in HPT Ni

where grains up to 350 nm in a structure with an

average grain size of 105 nm [56]. These findings

exemplify the complexity in the quantitative charac-

terization of the microstructures in the deformed

nanostructured metals.

Concluding remarks

Deformation by HPT, SMAT and sliding can produce

microstructures with a length scale of 5–100 nm. Bulk

samples can be produced by HPT, whereas SMAT and

sliding results in nanostructured surface layers with a

depth of the order of 10–50 lm. All three processes

introduce strain gradients resulting in graded micro-

structures. The microstructure is refined continuously

with increasing strain and the subdividing features are

dislocation boundaries and high angle boundaries,

including grain boundaries, twin boundaries and phase

boundaries. For medium and high stacking fault energy

metals dislocation processes are dominating down to a

structural dimension of 5–10 nm. Additionally,

mechanical twins can be formed caused by the high

stress required to deform the fine scale metals. Very

large flow stress characterizes the nanostructured

metals as exemplified by samples deformed by HPT

and SMAT. The formulation of strength–structural

relationships for these fine scale metals awaits a

Fig. 14 The flow stress-boundary spacing relationship at room
temperature for polycrystalline Ni, and for cold rolled Ni, where
KHP, KB in the figure correspond K1 and K2 in Fig. 2 of [50]. The
boundary spacing is the grain size for polycrystalline Ni [54] and
the boundary spacing along random lines for cold rolled Ni [42 ]
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detailed identification and quantification of the struc-

tural parameters which control the strength.
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